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Abstract Mounting evidence is pointing to some
emerging novel behaviors of metals with ultrafine-
grain (UFG) and/or nanocrystalline (NC) microstruc-
tures. One such novel behavior is related to the
thermodynamic and kinetic aspects of plastic response
in the UFG/NC regime. Two inter-related parameters,
viz., the strain rate sensitivity (SRS) and the activation
volumes of plastic deformation, are used as fingerprints
for the thermodynamics and kinetics of plastic defor-
mation. Changes of these parameters with grain size
may indicate transition of plastic deformation mecha-
nisms. Therefore, investigations of these phenomena
may bring out new strategies for ingenious design and
synthesis of UFG/NC materials with desirable proper-
ties. In this article, we present a critical review on the
experimental results and theories associated with the
SRS of UFG/NC metals with different lattice struc-
tures, and the influences on some constitutive
responses.

Introduction

High strength has been the paramount requirement for
metallic materials in structural applications. Among
the technical routes to elevate the strength of metals,
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grain refinement or microstructure refinement claims a
long and outstanding history. The best known effect is
summarized into the relationship derived by Hall and
Petch in the 1950s [1, 2], which predicts that the yield
strength or flow stress of a metal is proportional to the
inverse square root of the grain size, i.e.,

gy = Jo+kH,p-d71/2, (1)

where o is due to lattice friction, ky.p the Hall-Petch
slope, and d the grain size. A number of mechanisms
have been proposed to explain the Hall-Petch rela-
tionship, including pile-up of dislocations against the
grain boundaries (GBs) [3], grain boundaries acting
both as dislocation sources and sinks [4], and presence
of geometrically necessary dislocations (GNDs) in the
vicinity of the grain boundaries to account for the
deformation compatibility of polycrystalline metals [5].
These mechanisms, while based on different physical
pictures, share the popularity in the community.
Break-down of the Hall-Petch relationship when the
grain size is refined into the nanometer regime (d a few
tens of nm) was frequently reported during late 1980s—
1990s [6-11]. On retrospection, that is probably part of
the reason for the burgeoning interest in metals and
alloys with nanocrystalline microstructures during the
past two decades.

The technical routes to produce ultrafine grained
(UFG, grain size d < 500 nm but > 100 nm) and NC
(d < 100 nm) metals can be classified into two catego-
ries [12]. The first is the bottom-up method where
powders of nanometer particles are synthesized via
various techniques and then compacted into bulk
forms, similar to conventional powder metallurgy
(PM). The second is the top-down method where grain
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size of a bulk metal is refined into the UFG/NC regime,
by means of, for example, severe plastic deformation
(SPD) [13]. A longstanding concern associated with
UFG/NC metals is their diminished tensile ductility, an
issue which has been believed to be largely due to
volume defects such as porosity and impurity contam-
ination from the bottom-up routes. A number of
strategies have been exploited to lift the ductility
concern in the UFG/NC regime. An excellent com-
mentary in this respect is given by Professor Ma who
has summarized the eight possible strategies to enhance
tensile ductility of UFG/NC metals [14]. Such strategies
may be based on microstructure engineering in a broad
sense, or they may be based on certain new properties
revealed recently for UFG/NC metals. One such new
property is associated with the strain rate effect on the
strength of UFG/NC metals. Experimental evidence
has indicated that when the grain size of face-centered
cubic (FCC) metals is refined, their strength exhibits
increased dependence on strain rate [15]. This effect is
even more pronounced in the UFG/NC regime [11, 16—
29]. Body-centered cubic (BCC) metals show the
opposite trend, viz. strain rate dependence of their
strength decreases with reduction in grain size [11, 17,
30-36]. Grain size effect on the strain rate dependence
of the strength of hexagonal close-packed (HCP)
metals was investigated in the 1960s and 1970s [37-
40], but the grain size was not extended into the UFG/
NC regime at the time. Recently a very limited number
of papers have been published on HCP metals in terms
of strain rate effects in the UFG/NC regime [41-46].

Constitutive response of a material is usually repre-
sented in a functional form in terms of strain rate (or
deformation rate) under certain conditions. For exam-
ple, the following equation is used to describe the
constitutive behavior according to Kocks and co-
workers [47]

é=f(P,T,0,6,8,5,...), (2)

where ¢ is the strain rate, P the pressure, 7 the
temperature, o the applied stress; ¢ is the rate of
change of the stress, si, §,... the internal structural
variables such as grain size, mobile dislocation density,
forest dislocation density, etc.

While strong and consistent evidence has suggested
novel phenomena in terms of grain size effect on strain
rate dependence of strength in the UFG/NC regime,
yet interpretation of the experimental evidence is quite
intriguing at this point. Discussions of the impact on
the constitutive responses of UFG/NC metals are only
sporadic. Consistent and plausible theories and models
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are still lacking. All these call for further effort to
address the grain size effect on the strain rate depen-
dence in the UFG/NC regime.

A few years back, this author and co-workers and a
few other groups presented some definite experimental
results on the strain rate effects in the UFG/NC regime
for FCC and BCC metals [17, 23, 25, 26]. They also
tried to give some preliminary theoretical reasoning.
Many more papers have been published since then [20,
24, 48-53], including the application of nano-indenta-
tion to probe the rate effect of NC metals [48], and
attempt for dislocation based models [54]. In a very
recent comprehensive and excellent review article on
mechanical properties of nanocrystalline metals, Me-
yers et al., provide a brief summary in light of the
strain rate effects in the UFG/NC regime [11]. Due to
the scope of their review, collection of experimental
data regarding the strain rate effects in the UFG/NC
regime is not inclusive. An in-depth discussion about
the underlying mechanisms associated with such phe-
nomena is needed. The link between the novel strain
rate effects and the constitutive responses of UFG/NC
metals should be elaborated. Therefore, we believe the
undertaking of a critical and focused review on this
important issue is now timely. In this overview, we will
present a baseline summary of the state-of-the-art
experimental results and some theoretical frameworks
on the strain rate effects in the UFG/NC regime, and
how they will influence some of the constitutive
behavior of UFG/NC metals. Outstanding issues and
future directions will also be noted.

A concise theoretical formulation of the strain rate
effect in plastic deformation of metals

At high homologous temperatures (7/7,, > 0.4, for
example), plastic deformation of metals under a certain
applied stress takes place through various mechanisms
of creep, which is a well known thermally activated
process. The steady-state creep rate can be described
by an Arrhenius-type equation as

& = Ko" exp(—%)7 (3)

where &g is the steady state creep rate, K a constant, ¢
the applied stress, n the stress exponent, Q¢ the
activation energy for creep, k the Boltzmann constant
and 7T the absolute temperature. Evaluation of n and
QOc and comparison of their values with theoretical
models shed light on the specific mechanisms of creep.
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Thermal fluctuation is an omnipresent phenomenon
in a material system as long as the temperature is
above 0 K [47]. Therefore, plastic deformation of
metals via the dislocation-mediated mechanisms in
general can also be a thermally assisted process. In
other words, thermal fluctuation can assist the applied
stress in surmounting obstacles to plastic flow, though
the temperature dependence is a function of lattice
type, type of obstacles and the particular dislocation
mechanism involved. In view of this, the shear strain
rate, J, can be given by an Arrhenius-type equation as,

= yexp(~ "0, @

where the pre-exponential factor 7, includes the
number of possible activation sites, the average shear
strain per successful thermal fluctuation, and the
frequency of the vibration of the elemental unit
involved in the thermal activation. AG is the activation
energy and is usually a strong function of the shear
stress component t*, viz. the net shear stress resolved
to drive the dislocation mechanism. This shear stress
component is itself defined by * = 1, — 7, where 1, is
the applied shear stress and 7, is the athermal internal
stress stemming from long-range obstacles such as
grain boundaries, secondary phases, etc. For more
general stress states, the net shear stress t* is replaced
by the effective stress 1, = /(1/2)S;S;;, with S;; being
the components of the deviatoric stress tensor, and the
shear rate § is replaced by the work-conjugate
effective plastic strain rate 7.

The above formulation is based on the assumption
that plastic deformation is from the single slip of
dislocations in a lattice. For polycrystalline metals
under uniaxial tensile or compressive stress, the Taylor
factor may be used to convert the uniaxial stress, ¢ into
the shear stress component. That is, 1, = ¢ /M, where
the Taylor factor M is usually around 3.0.

According to the von Mises yield theory, the yield
shear stress is 1y = oy/V/3 (oy is the uniaxial yield
stress), and the equivalent plastic shear strain is
9 =+/3-¢ (& is the uniaxial strain). The activation
energy can be written into two parts as

AG = AG" — 1" V", (5)

where the first term on the right hand side represents
the activation energy needed to be provided by
thermal activation alone (in the absence of any
applied stress), and v is the activation volume.
Apparently, the activation volume can be written as
the derivative of the activation energy with respect to
the effective shear stress, i.e.,
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From Egq. (4), therefore, we can write
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Y =kT .

v = k() 0

To reach the above equation for the activation volume,
assumption is made that the athermal part of the shear
stress is a constant, which turns out to be true in
general for a constant internal structure. This equation
can be re-written as

. kT Olny
Vo= 7 Olnt’ (8)

Finally, if we define

Olnt
m = m ) 9)

we can write the activation volume as

kT

T-m’

*

1%

(10)

The parameter, m, is the experimentally measured
“strain rate sensitivity,” or SRS. It is an important
factor in determining the constitutive response of
materials. Based on Eq. (10), we can have

kT
m = -
TV

(11)

Here we see the close inter-relation between the SRS
and the activation volume of plastic deformation. It is
obvious that the SRS can be equally written in terms of
uniaxial stresses and strains such that

B Olno

However, if the SRS is written in terms of the
activation volume and the applied uniaxial stress, the
von Mises relation should be used such that

V3kT
m =

gVt

(13)

Recently, instrumentation nanoindentation has been
used by a number of groups to derive the SRS of UFG/
NC metals. In this case, the classical Tabor relation can
be used (the yield strength of a metal is roughly one
third of its nanoindentation hardness or microhardness,
i.e., H =3 g,). Consequently, we can assess the SRS as
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kT
=33 . 14
m=3v3 K (14)

The activation volume is determined by the mechanism
responsible for the plastic deformation. Some
investigators prefer to use the activation area, A"
which is related to the activation volume by

v =A"-b, (15)

where b is the strength (or magnitude) of the Burgers
vector of dislocations. The activation volume is often
given in terms of b>. A wealth of data is available in the
literature regarding the SRS and activation volumes of
single crystal or coarse-grained (CG) FCC and BCC
metals, and some HCP metals [55-57].

Experimental results on strain rate sensitivity
of ultrafine grained and nanocrystalline metals

A variety of experimental techniques have been used
to assess the thermodynamic and kinetic aspects of
plastic deformation of metals. Strain rate jump tests at
a constant temperature, either under compression or
tension, are amongst the most widely used method. In
this experiment, the imposed rate of deformation of
the specimen is changed by changing the speed of the
cross-head of the testing system. A basic assumption
for such experiment is that the internal structure such
as mobile dislocation density is not changed by
changing the rate of plastic deformation. Up-jumps
where abrupt increases in the cross-head speed are
imposed are preferred to avoid complexity introduced
by the system compliance. Extraction of SRS from such
experiment is straightforward by using the following
equation

o Alno
" Alné’

(16)

where Aln ¢ = In o, -In ¢ 1, and o5 and ¢, correspond
to the measured flow stresses after and before the
imposed rate change; Alné = Iné, — Inéj, and &, and &
are the imposed strain rates. (It should be noted that for
a strain hardening material, the flow stress is a function
of strain, and the m value should be given along with the
specific strain level at which it is derived. This is more of
a concern for FCC metals and some HCP metals. But it
is less of a concern for most BCC metals since their
stress-strain curves at different temperatures or under
different strain rates are almost parallel.) Another
experimental technique involves stress relaxation or
load relaxation. In such an experiment, the specimen is
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mechanically strained into the plastic regime, and then
the cross-head of the testing system is arrested. The
data acquisition system records the stress as a function
of time. For a hard machine with infinite stiffness, the
total strain rate will be zero,

fe+ 8y =0, (17)

where &, ¢, are the elastic strain rate and plastic strain
rate from the specimen. However, a hard machine with
infinite stiffness is unrealistic and removal of the
system compliance is often quite involved. An
alternative way is to plot Iné versus In ¢, and SRS
can be calculated as [58, 59]

dino
m=o (18)
Experimental results have shown that SRS obtained by
stress relaxation exhibit consistent agreement with
those from other experiments [60].

High strain rate (dynamic) behavior can be evalu-
ated by means of stress-wave techniques such as split
Hopkinson pressure bar (SHPB) systems [61]. With
such techniques, well characterized, uniaxial strain
rates up to 10%s™ can be achieved routinely.

In this section, we will present a digest of experi-
mental data on the strain rate effects in the UFG/NC
regime according to the lattice structure of the metals.

FCC Metals

In 1953, Carreker and Hibbard reported the first
experimental observation of enhanced strain rate
effect on plastic behavior of pure Cu through grain
size reduction [15]. They showed that SRS of high
purity Cu increased from 0.004 (large d) to 0.0072
(small d). But the d range of their work was in the CG
regime (from 12 um to 90 um). Recently, numerous
papers have reported enhanced SRS in UFG/NC
metals with FCC lattice (Refs. [15, 17, 18, 20, 48, 53,
62-69] for Cu; Refs.[16, 24, 60, 64, 65, 70, 71] for Ni;
Ref. [51, 55, 72-75] for Al). The UFG/NC metals have
been produced by various technical routes, including
powder metallurgy, electrodeposition and severe plas-
tic deformation (SPD). The general observation is that
the SRS of FCC metals increases regardless of the
technical routes used to produce the metals.

For example, Torre et al. [53] have studied the SRS
as a function of grain size for a pure copper. The SRS
was measured by strain rate jump tests under com-
pression at room temperature. The UFG microstruc-
ture was achieved via equal channel angular pressing
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(ECAP) by 0, 1, 2, 4, 8, 12 and 16 passes, respectively.
During ECAP, the apparent grain size saturates
quickly after about 2 passes. However, as pointed out
by Valiev et al.[63], the fraction of large-angle grain
boundaries continues to increase and the microstruc-
ture becomes more homogeneous with increased
ECAP passes. Therefore, the effective grain size
defined by large-angle grain boundaries should be
further refined with increased ECAP processing after
the apparent grain size is saturated. They show that the
SRS of pure Cu is significantly increased with reduced
grain size.

Zehetbauer and Seumer [76] show that the activa-
tion volume for plastic deformation of pure copper
decreases with increased shear stress (or plastic shear
strain). (We should point out that their definition of
strain rate sensitivity is m = (dlny)/(dIn6), 0 being the
strain hardening rate. This definition is different from
the commonly used SRS). One may argue based on Eq.
(11) that the SRS should increase if the stress (or the
effective stress component) is not changing [68].
Zehetbauer and Seumer did show that after Stage IV,
the strain hardening parameter exhibits a plateau with
increased stress, but the activation volume continues to
decrease.

Chen et al. [48], used nanoindentation to investigate
the loading rate sensitivity of hardness of pure Cu with
different grain sizes. They produced NC Cu by mag-
netron sputtering of Cu onto substrates at different
temperatures to control the grain size. They also
employed surface mechanical attrition (SMA) to make
a thin layer of NC Cu, and ECAP to make bulk Cu
with UFG microstructure. Figure 1 displays their strain
rate sensitivity versus grain size derived from nanoin-
dentation measurement on Cu. The results of Chen
et al. [48] agree qualitatively with those of Torre et al.
[53], in that when the grain size is refined, the SRS of
Cu increases.

In Fig. 2 we plot the literature data of SRS versus
grain size for Cu. It should be noted here that two
groups reported extraordinarily high SRS for UFG or
NC Cu. The first is an SRS value of 0.14 from Valiev
et al. [63], on Cu of 100 nm grain size produced by
SPD, and the second is an SRS value of 0.104 from
Jiang et al.[69], on Cu of 26 nm grain size produced by
electric brush plating. In Fig. 2, the data points from
these two groups are indicated by arrows to show they
are off the scale in the plot. It should also be noted that
the data points from Lu et al. [68] are based on Cu with
no twins, with a low density of twins and with a high
density of twins, respectively. Therefore, the grain size
in the plot (500 nm) for all three microstructure does
not account for the existence of twins. They pointed
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Fig. 1 Strain rate sensitivity of Cu as a function of grain size.
The data points are extracted from the work of Chen et al. [48].
The m values are derived from nanoindentation measurements
on Cu specimens with different grain sizes
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Fig. 2 Strain rate sensitivity of Cu as a function of grain size.
The reference and its first author corresponding to each data
point are also given in the plot. Two unusually high SRS values,
one due to Valiev et al. [63], another due to Jiang et al. [69], are
indicated by two upward arrows to show they are off the scale of
the plot. The data points from Lu et al. [68] correspond to three
densities of twins within the materials, i.e., high twin density, low
twin density and absence of twin (No Twin)

out that nano-sized twins enhance the SRS of Cu in the
same way as the reduced grain size enhances SRS.
Some experimental results exist for the SRS of Ni as
a function of grain size. The UFG/NC nickel has been
produced by electrodeposition or SPD. Figure 3
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displays the results from different groups. The SRS of
Ni as a function of grain size exhibits a trend very
similar to that of Cu, whatever processing routes or
testing methods are used to derive the experimental
results shown in Fig. 3.

Another FCC metal that has been widely used as a
structural material is aluminum. A few reports have
become available only until recently [51, 55, 72-75].
Figure 4 has collected the data in the literature on SRS
of Al as a function of grain size. It shows that Al, like
Cu and Ni, has similar behavior. In this plot, the data
point of Kalkman et al. [74], is derived via Eq. (11)
using their experimental results of activation volume
and flow stress of NC Al thin film specimens.

In summary, all the available literature data of the
three representative FCC metals, i.e., Cu, Ni and Al
show enhanced strain rate sensitivity when their grain
size is refined into the UFG/NC regime.

BCC metals

The most popular BCC metal is Fe. Jia and co-workers
[35] performed systematic experiments on the effect of
grain size on the constitutive behavior of Fe. They used
ball-milling to produce nanocrystalline Fe powders,
and then used a two-step consolidation process at
different temperatures to obtain fully dense Fe samples
with different grain sizes. They investigated the
mechanical behavior of the Fe samples from quasi-
static to dynamic strain rates (~10°s™"). They found that
SRS of Fe decreased with reduced grain size. Figure 5
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Fig. 3 Strain rate sensitivity of Ni as a function of grain size. The

reference and its first author corresponding to each data point
are also given in the plot
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Fig. 4 Strain rate sensitivity of Al as a function of grain size. The
reference and its first author corresponding to each data point
are also given in the plot

displays the SRS of Fe against grain size derived from
the paper of Jia et al. [35]. Subsequent work on SPD
Fe shows the same trend [33]. Malow and co-workers
even reported negative SRS for NC (d ~ 20 nm) Fe
produced in a way similar to that of Jia et al. [77]. A
very high value of SRS was measured using nanoin-
dentation on NC Fe particles (d < ~10 nm) by Jang
et al. [36, 78]. However, some uncertainties have to be
clarified regarding nanoindentation on powder samples
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Fig. 5 Strain rate sensitivity of consolidated Fe as a function of
grain size. The data points are extracted from the paper of Jia
et al. [35]
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and the unusually low m (0.006) obtained by the same
authors for their coarse-grained Fe.

Recently, more work has been reported on mechan-
ical behavior of other UFG/NC metals with BCC
structure, such as Ta, V and W [30-32, 34, 79, 80]. In
Fig. 6 we have plotted the SRS data of BCC metals
against grain size. The general trend is apparent: the
strain rate sensitivity of BCC metals decreases with
reduced grain size. This trend is sharply opposing that
of FCC metals as presented in Figs. 2-4. We should
point out that the solid curve in Fig. 6 is based on the
constitutive model for BCC metals proposed by Jia
et al. [35].

HCP metals

Only a limited number of papers are available in the
literature addressing the grain size effect on the SRS of
HCP metals. A recent paper by Jia et al. [41] on
commercial purity Ti showed that when the grain size
is refined into the UFG regime (d ~ 260 nm), the SRS
was reduced from ~0.04 of CG-Ti to ~0.025. The only
data for CG-Co is by Karimpoor and co-workers [46]
who measured a negative SRS for Co of ~5 pum in grain
size, while for the NC-Co (d ~ 12nm), the SRS is
increased to ~0.012. Wang reported a SRS of ~0.025 for
electrodeposited NC-Co ( d ~ 20 nm) [65]. However, it
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Fig. 6 Strain rate sensitivity of BCC metals. The grain size was
refined by different methods, including ball milling followed by
consolidation, severe plastic deformation, ECAP plus low
temperature rolling, etc. The name of each metal is given in
the inset, followed by the reference and its first author. The solid
curve is the calculation result based on the model presented in
Ref. [35]

is premature at this point to conclude whether grain
size reduction increases the SRS of Co, due to the lack
of reliable experimental results. Zhang et al., per-
formed systematic work on in situ consolidated NC-Zn
and measured a SRS of 0.15 at room temperature for d
around 200 nm [43]. This value is much larger than that
of the coarse-grained Zn obtained by Sastry [81]
(m~0.057 for d = 4um). The SRS derived from early
results of Dorn and Mitchell [56] of single crystal Mg is
around 0.041. Worthy of mention is that this is based
on the basal slip mechanism for Mg. Creep tests on
single crystal Mg by Conrad and co-workers at room
temperature gave an SRS of ~0.19 [82]. Hwang et al.,
measured the SRS for NC-Mg (d = 45 nm) to be 0.6 at
room temperature[42]. Trojanova and co-workers [83]
measured the SRS for NC-Mg (d = 100 nm) to be
~0.31 at room temperature. It then suggests that the
SRS of Mg may be increased by reduced grain size.
The very high room temperature SRS is probably
expected even for coarse grain Zn or Mg due to their
very low melting point (7, = 923 K for Mg and 692 K
for Zn). For these two metals, increased SRS with
decreased grain size may be attributed to enhanced
grain boundary diffusion which contributes to plastic
strain in the form of Coble creep at room temperature.
Figure 7 displays the SRS of some HCP metals. In this
plot, we used two upward arrows to indicate that the
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Fig. 7 Strain rate sensitivity of HCP metals as a function of grain
size. The name of each metal is given in the inset, followed by the
reference and its first author. The two very high SRS values for
nanocrystalline Mg are marked by two upward arrows to indicate
they are off the scale of the plot. The data point for single crystal
Mg (solid square) is marked by a horizontal right-pointing arrow
to show the grain size is off the scale of the plot
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results of NC-Mg measured by Hwang et al. [42] and
Trojanova et al. [83] are off the scale of the plot. The
values of SRS are given in the plot. The data for single
crystal Mg based on the results of Dorn and Mitchell
[56] is indicated by a horizontal arrow pointing to the
increasing direction of grain size. For the time being,
any hypothesis is questionable about the grain size
effect on SRS for HCP metals due to the extreme
paucity of experimental results.

Theoretical models of strain rate sensitivity
of ultrafine grained and nanocrystalline metals

In this section, we will first briefly review the disloca-
tion mechanisms in terms of the rate controlling
processes in single crystal or coarse-grained metals.
Then we will proceed to discuss the connection
between these mechanisms and the grain size effect
on constitutive behavior of metals with different lattice
structures. The link between the thermal and rate
effect on the Hall-Petch relationship, particularly the
Hall-Petch coefficient will be alluded to. Special
attention will be drawn to the correlation between
the indirect fingerprint of activation volume and the
directly measured strain rate sensitivity.

Rate controlling processes in single crystal
or coarse-grained metals

Annealed single crystal or coarse-grained FCC metals
with low dislocation density have very insignificant
strain rate dependence of yield strength (SRS ~0.004
for most single crystal or coarse grained FCC metals).
However, their strain hardening is a strong function of
temperature and strain rate, and as a consequence, the
fracture behavior, including the tensile elongation to
failure and fracture strength, depends strongly on
temperature and strain rate. That implies glide of
dislocations in an FCC lattice in the absence of foreign
obstacles does not involve thermal activation. Since
strain hardening of FCC metals involves intersections
of forest dislocations and cross slip, and both processes
can be thermally assisted, it is then expected that after
yielding (or after the ‘“easy glide” stage in single
crystals), the rate controlling mechanisms in the plastic
deformation of FCC metals are cutting of forest
dislocations and cross slip. Both mechanisms play
decisive roles in the dislocation pattern formation in
FCC metals (see, for example, Ref.[84]). Because ease
of cross slip depends critically on the stacking fault
energy (ysg), it is natural to believe that stacking fault
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energy should play an important role in the kinetics of
plastic deformation of FCC metals. For example, when
a full dislocation is dissociated into two partials and a
stacking fault ensues, the equilibrium splitting width
between the two partials is[85]

2 H
p— 1
" (19)

where a is a constant, and ¢ the shear modulus.
Equation (19) indicates that the splitting width
between two partials is inversely proportional to the
stacking fault energy. During thermal activation, the
splitting width will in turn determine the activation
distance and accordingly the activation volume. One
should thus expect the activation volume of plastic
deformation of FCC metals a function of stacking fault
energy. This has been ascertained, for example, by
evaluating the activation volumes of Al and Cu [55]. In
the FCC family, Al has the highest y g, and experi-
ments show that v* of Al is much smaller than that of
Cu at the same temperature and strain.

Another important observation regarding the plastic
deformation of single crystal or coarse-grained FCC
metals is that the Cottrell-Stokes law is generally
obeyed for plastic strain over 10%. (The Cottrell-
Stokes law predicts that for a given temperature
change the ratio of flow stresses at two temperatures
is roughly a constant [86]). In other words, if the
applied shear stress is decomposed into the thermal
component (¢°) and the athermal component (z,), the
ratio 7 /t, is almost a constant. One more interesting
observation is that both the thermal and athermal
stresses obey the Hirsch-Bailey relation[87],

T X ,ubpl/z, (20)

where p is the dislocation density. This observation
suggests that the mechanisms controlling the thermal
stress and the athermal stress evolve in a similar
manner during plastic deformation. In fact, Basinski
proposes that the forest dislocations in FCC metals are
the source for the long range athermal stress (t,) as
well as the short range thermal stress (') [88].
Narutani and Takamura [89] also provided evidence
for nickel that the activation volume decreases with
strain, supporting dislocation intersection as the rate
controlling mechanism. They also observed that the
activation volume decreases with decreased grain size.

Both experiments and theoretical simulations have
corroborated that at low temperatures, the rate con-
trolling mechanism in single crystal or CG-BCC metals
is completely different from that in FCC metals. First of
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all, the yield strength and flow stress of BCC metals are
very sensitive to strain rate and temperature (SRS of
single crystal or CG-BCC metals is usually one order of
magnitude larger than that of FCC metals). Micro-
structural observations (via transmission electron
microscopy (TEM), for example) on BCC metals upon
finite plastic deformation reveal long and straight screw
dislocations [90, 91]. It is postulated that the low
mobility of the screws in BCC metals is the rate
controlling factor in plastic deformation. This low
mobility is rooted in the non-planar core structure of
the screws, which entails a strong Peierls-Nabarro (P-
N) barrier opposing the motion of screws [92]. As a
consequence, the motion of screws in a BCC lattice is
facilitated by the double-kink mechanism where by
means of thermal activation one segment of a straight
screw is raised to the next adjacent P-N valley. The two
kinks are edge by nature and can be spread out very
easily. After complete spread out of the two kinks, the
whole screw is brought to a new equilibrium configu-
ration, i.e., the neighboring P-N valley. Figure 8 sche-
matically illustrates this process. Thus the actual rate
controlling process in the low temperature plastic
deformation of a BCC metal is the nucleation of
double-kinks. As a consequence, in contrast to FCC
metals, 7', the thermal component of the total stress is
pre-dominant at low temperatures. The strain harden-
ing of BCC metals is relatively independent of temper-
ature and strain rate, viz. the plastic part of stress-strain
curves at different temperatures and strain rates are
nearly parallel to one another. Also associated with the
unique rate controlling mechanism of BCC metals is
that the Cottrell-Stokes law is not obeyed, viz. the ratio
of the thermal stress to the athermal stress, /7, is no
longer a constant. Instead, we should expect decreased
7'/z, ratio with increased plastic strain.

a) b) c)

Kink 1

Kink 2

e

P-N Valley 11

A screw at P-N Valley [
P-N Valley 1
The screw has been moved to P-N
Valley 1T

Fig. 8 Schematic illustration of the double-kink nucleation and
motion in BCC lattice

In reference to Fig. 8, one can envision that the
activation volume of plastic deformation of BCC
metals will depend on the critical distance between
the two kinks. As such, any factors that change the
critical distance will change v'. Naturally, dislocation
density and grain size will impart such changes. Dorn
and Rajnak [57], and many other investigators [55]
have demonstrated that v* decreases sharply with the
thermal component of the stress and becomes a
constant at large stresses.

The dislocation mechanisms of HCP metals are much
more complicated than those of FCC and BCC metals,
in that the specific operative mechanism depends on the
c/a ratio (the ideal c/a ratio is 1.633), purity level and
temperature [55, 56]. Three glide modes are detected in
HCP metals, and they are basal slip (system (0001)
<1120 >), prismatic slip (system {1010} <1120>) and
pyramidal slip (system {1011} <1120>). Basal slip is
usually favored by HCP metals with c/a ratio larger than
the ideal value. For example, below 200 °C, basal slip is
the dominant mechanism for Mg. Conrad et al.[82]
performed detailed study on the rate-controlling mech-
anism for plastic flow of Mg crystals at low tempera-
tures, and came to the conclusion that the rate
controlling mechanism is the intersection of disloca-
tions. Conrad also studied the thermally activated
deformation of « titanium at low temperatures [93],
and observed strong effect of impurity atoms on the
thermal activation. He reported an activation volume of
80b> at ° = ~10 MPa, but only 8b> at "~ = ~450 MPa.
He also showed that the activation volume of commer-
cial purity o-Ti rapidly reduced to almost a constant
when 7" is beyond 50 MPa. Afterwards, it only
decreases very slowly with 7.

Models for grain size effect on SRS
FCC metals

Conrad divided the grain size into three regimes
according to the possible plastic deformation mecha-
nisms [94]. The grain size range of each regime is:
d > 1 um (Regime I); Ip m > d > 10 nm (Regime II);
d < 10 nm (Regime III). In Regime II, he derived a
response function based on thermally activated shear
of individual atoms inside the grain boundary assisted
by stress concentration due to “pile-up” of disloca-
tions at the grain boundaries. The response function
bears similarity to that of Swygenhoven et al. [95, 96],
who propose that grain boundary shearing is the only
operative mechanism and there is no plasticity from
the grain interior. As such, the activation volume will
be around 1b°. This is much smaller than the
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experimentally measured activation volumes of this
grain size regime [17, 60].

Recently, in an attempt to explain the small
activation volumes and enhanced SRS of FCC metals
with NC grains and nano-scale twins, Asaro and
Suresh [54] have proposed a mechanistic model. The
major part of their model is based on the model of
Rice [97] for emission of dislocations at a crack tip
due to stress concentration, and takes into account
emission of partial dislocations, contribution of
mechanical twinning, etc., which have been observed
experimentally for some FCC metals. Their model
seems to be able to give activation volumes in the
range 3-10b>. However, as pointed out by Swygenho-
ven et al. [98], the model of Asaro and Suresh is
based on purely athermal mechanically driven nucle-
ation and propagation of dislocations from the grain
boundaries.

From Eq. (11), the SRS depends on the evolution of
t and v" with grain size. According to Becker [99], the
physical activation volume can be written as

Vi =b &1, (21)

where ¢ is the distance swept out by the glide
dislocation during one activation event, and ['is the
length of dislocation segment involved in the thermal
activation (or the Friedel sampling length that scales
with the average contact distance between two obsta-
cles). For CG-FCC metals with forest cutting as the
dominant mechanism for thermal activation process, /"
should be roughly the average forest dislocation
spacing which scales with the inverse square root of
the forest density as p}m- The parameter ¢ may
decrease slightly with the applied stress. Consequently,
the activation volume will decrease with applied stress.
This has been borne out by experiments on heavily
deformed Cu where the activation volume is ~100b°. If
Equation (21) is substituted into (11), we have

kT
m—

=T b (22)

We assume that ¢ is a constant for simplification. We
will try to understand the variations of m as a function
of grain size or plastic strain from the combined
variation of 7 -/*. If we combine the Hirsch-Bailey
relation with the Hall-Petch relation for the flow or
yield stress of FCC metals, we have

T =19+ (aub\/p + \/ia) (23)
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The first term in Eq. (23) is from the lattice friction, the
second is from the Hirsch—Bailey relation and the third
is the Hall-Petch relation. o and f are proportionality
factors. The obstacle spacing or “sampling length” "
can be viewed as having two possible limits, /; and 55[17]:

n
[ =——,and 24a
1 \/ﬁ ( )
I = yd. (24b)

We envisage that the ‘“‘sampling length” defined by
(24a) is likely to be the controlling length scale when
the grain sizes and density of dislocations are both
large, and that defined by (24b) the controlling length
scale at very small grain size (and small dislocation
density in the grain interior as well). The two
parameters, n and y are proportionality factors. Thus,
one should anticipate that as the grain size is decreased
there is a transition grain size when the controlling
sampling length changes from /; to /5. The transition
occurs when [ and [, are of the same order of
magnitude. That is, dansition ~ 1/,/p if assuming the
two proportionality factors are also of the same order.
Using typical dislocation density values in metals,
Airansition 18 €stimated to be of the order of 10-500 nm.
For conventional grain size the forest cutting is the
dominant thermal activation mechanism, and we have

. . B\, n pn
-2t I = (19 +ouby/p +—=)(——) 2 onub + —.
(25)
It follows from (22) and (25) that
kT 1 (26)

"G b

In writing (25) and (26), the lattice friction term has
been dropped since it is usually very small for FCC
metals. Equation (26) indicates that when the disloca-
tion density is increased by plastic deformation in an
FCC metal with a given d, the SRS should increase.
This should explain the experimental observations by
Zehetbauer and Seumer[76].

On the other hand, as the grain size is refined into
the UFG/NC regime, the controlling sampling length
may become /5, and we have

Tt = (To+dub\/ﬁ+\/£g) -Xd%xocub\/ﬁd—i—ﬁx\/a.

(27)
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And the SRS is now

KT !
8 b+ V)

(28)

Equation (28) suggests that when the grain size is
refined into the UFG/NC regime, SRS should
increase with reduced grain size. This can serve as
at least a qualitative explanation for the grain size
dependence of SRS of FCC metals presented in this
paper (Figs. 1-4). It should be noted that cross-slip is
not considered in deriving Egs. (26) and (28). There-
fore, stacking fault energy effect is not reflected in
these two equations. Application of Eq. (28) to
specific cases depends on a number of parameters
which at this point are still to be determined.
Therefore, we would rather take Eq. (28) as predict-
ing the trend.

Very recently, based on dislocation bow-out from
grain boundaries, Lian and co-workers [100] have
derived an equation to associate SRS with the activa-
tion volume for NC FCC metals. First, they argued that
the critical stress for the bow out of an edge dislocation
source can be written as
. 0.12ub . L

7 [In(;)) - 1.65), (29)

where L is the dislocation line or source length. They
further took the activation volume to be Lb?. Finally
they have

m = % [ln(Z—z) 165" (30)

They showed that Eq. (30) can provide quite satisfac-
tory fitting for a number of experimental data sets.
Apparently, Eq. (30) results in a cut-off activation
volume which is ~5b°. Below this, the strain rate
sensitivity would be negative. This cut-off activation
volume needs further explanation. When the logarith-
mic term approaches 1.65 from either side, m will
exhibit singularity. Notwithstanding this, the agree-
ment of Eq. (30) with experimental results is impres-
sive when v" is larger than 105°.

It is interesting to point out that Armstrong and
co-workers reported grain size effect on activation
volumes of FCC metals [37, 39]. They associated the
thermodynamics of plastic deformation as a function of
grain size in terms of the Hall-Petch parameters. The
formalism of their equations bears some similarity to
that of Eq. (28) in this paper.

BCC metals

For BCC metals, the activation volume decreases to
nearly a constant when the stress is increased to a
moderate level [55, 57]. This phenomenon can be
readily understood by appealing to the double-kink
nucleation process as the rate-controlling mechanism
for BCC metals at low homologous temperatures.
Reduction in grain size is equivalent to increasing the
flow stress or yield strength according to the Hall-
Petch relation. Dorn and Rajnak’s analyses [57] show
that the critical length of the double kink, or the spread
width between the two kinks would be ~107* cm, or
~1.0 um. Below this, the activation volume decreases
with stress only very slowly. However, the stress is still
following the Hall-Petch relation. If the Hall-Petch
equation is inserted into Eq. (11) to replace the stress
term, we have for BCC metals

kT
= . 31
m (2o + kr_pd-172) - v* (31)

Usually, for BCC metals, the Hall-Petch coefficient is
independent both of strain rate and temperature, as
well as of grain size to a large extent. Equation (31)
shows that when the grain size is reduced into the UFG
regime (below 1 um, which coincides with the critical
spread width of the double kinks), we anticipate
reduced SRS for BCC metals. It is worthwhile pointing
out that plotting Eq. (31) along with the constitutive
equation for BCC Fe proposed by Jia, Ramesh and

0.14
0.12 - - - e|
==— Simple Model (Equation (31)) /
—=— JMR model, Ref.[35] ’
0.1 / |
’
0.08 |- ’ 8
£ /
’
0.06 - / |
’
/ -
0.04 - ’ - .
-~
’ -'-.‘-'-
7 -
0.02 - - ,-: " o 1
-
e
0 - | | |
10 100 1000 10* 10°

Grain size (d, nm)

Fig. 9 Plot of the simple model for BCC metals (Eq. (31)) along
with the model proposed by Jia et al. [35]
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Ma|35] (see Fig. 9) indicates the two almost converge
into one curve at d < 1.0 um. But (31) tends to
overestimate SRS at large grain size. This is under-
standable since at large grain size, the activation
volume is larger but (31) assumes a constant value
for the activation volume which is only justified for
small grain sizes.

It therefore turns out that the decrease of SRS with
reduction of grain size in BCC metals can be simply
explained by the increasing prevalence of grain bound-
ary strengthening, while the rate controlling mecha-
nism stays the same, viz. nucleation of double kinks.
Equation (31) can be used to describe the grain size
effect on SRS in the UFG/NC regime quite satisfac-
torily by assuming a constant activation volume inde-
pendent of grain size.

It is uncertain if double-kink nucleation will still be
the rate controlling mechanism when the grain size is
below 50 nm or around 10 nm. Available experimental
data on fully-dense BCC metals have only been to the
smallest grain size of ~80 nm. Whether grain boundary
related mechanism has an effect in grain size below, for
example, 50 nm, is yet an open question. Due to the
fact that most BCC metals are refractory metals with
high melting point and thus production of bulk
nanocrystalline materials would be extremely difficult
at this point, other unconventional experimental tech-
niques, such as micro-compression [101, 102], may have
to be utilized to probe the rate effect on small
specimens. Therefore, new models may be needed if
new experimental results contradicting the present
observations become available.

HCP metals

Due to the dearth of experimental results on grain size
effect on SRS of HCP metals in the UFG/NC regime,
we will not proceed to discuss the possible models or
theories regarding the rate controlling mechanism for
HCP plastic deformation in the UFG/NC regimes. We
envision more effort will surface in this area due to the
rising technological importance of HCP metals such
as Ti-, Be- and Mg-based alloys in many critical
applications.

Significance of the strain rate effect of UFG/NC
regimes in constitutive response

We anticipate that the different behavior of strain rate
sensitivity of UFG/NC metals as a function of lattice
structure and grain size will strongly affect the constit-
utive responses of the materials. Such responses include
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stress-strain curves, plastic instability, superplasticity
and failure mode. Since plastic instability and super-
plasticity are two inter-related phenomena, and there-
fore they can be combined in the following discussion.
Under uniaxial tension, plastic instability manifests
itself as necking. It occurs at the maximum load or
stress. For a rate independent metal, usually Considere
criterion is used to predict the point of necking, or the
initiation of tensile instability [103],
%go—, ory:§%<1, (32)
where ¢ and ¢ are the true stress and true strain under
uniaxial tension. If the plastic deformation of the metal
is rate sensitive with an SRS of m, Hart derived the
criterion for the tensile instability as

y+m<1, (33)

where 7 is defined in Eq. (32). Equation (33) suggests
that for the rate dependent metals, the change of m as
a function of grain size can impart strong effect on the
constitutive response, particularly on the tensile insta-
bility behavior. The parameter y reflects the capacity of
the metal to be strain hardened. One disadvantage of
UFG/NC metals is its lack of capability to store
dislocations during plastic deformation, and therefore
y is usually small. This entails easy onset of tensile
instability. However, for FCC metals, this can be offset
by the much enhanced SRS through decreasing the
grain size into the UFG/NC regime. This new property
of UFG/NC FCC metals has drawn the attention of a
few investigators who postulate it as one of the
strategies of improving tensile ductility of UFG/NC
metals [14, 104].

Jonas et al. [105], have derived a flow localization
parameter under compression. This parameter, o, is a
function of the strain hardening parameter, y, and the
SRS of the metal, and

y—1
r=— (34)
Increased o points to increased propensity for flow
localization or plastic instability under compression.
Again, we see that for UFG/NC FCC metals, since m is
elevated significantly compared to their coarse-grained
counterparts, it will counteract the decreased strain
hardening capacity, and retain some resistance to
plastic instability. It should be kept in mind that one
of the most important features of flow instability is the
development of highly concentrated localized plastic
deformation regions where flow rate or plastic strain
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rate is many folds higher that their surroundings [106].
One should therefore expect that enhanced SRS
primarily retards growth of instability by hardening
these regions. In other words, the fractured specimen
of UFG/NC metals should have quite small area
reduction, even though the fracture surface may
exhibit ductile features such as dimples [67, 107-109].

Superplasticity has been reported for UFG/NC FCC
metals and alloys [110, 111]. We believe that this is at
least partly due to the enhanced SRS as a consequence
of refined grain size.

On the other hand, for BCC metals, experimental
results presented previously in this paper show
decreased SRS with reduction in grain size (Fig. 6).
Such behavior will certainly bring forth strong influence
on the constitutive behavior of UFG/NC BCC metals.
One such influence is the increased susceptibility to
flow localization under uniaxial compression simply
according to Egs. (32) and (33). For example, for UFG/
NC iron produced by hot consolidation, metallic-glass-
like behavior has been observed under quasi-static
compression, where shear band formation and devel-
opment takes over the uniform plastic flow in coarse-

grained Fe [35, 112]. Figure 10 displays the quasi-static
uniaxial compressive stress-strain curve of hot-consol-
idated UFG Fe (grain size 268 nm) [112], along with the
optical micrographs of the specimen showing shear
bands and their evolution. The stress-strain curve
exhibits absence of work hardening. Figure 11(a) shows
the bright field TEM micrograph depicting the micro-
structure within a shear band and its vicinity. It clearly
suggests that the shear banding process involves dislo-
cation activities and it is non-adiabatic. Diffraction
pattern from grains within the shear band indicates
strong texturing (Fig. 11(b)), implying geometric soft-
ening as the mechanism for the formation and devel-
opment of such non-adiabatic shear band. Details of the
process are still under investigation.

Under dynamic loading, most UFG/NC BCC metals
exhibit adiabatic shear banding as the prevalent plastic
deformation mechanism. This can be understood on
the basis of mechanics and physics of adiabatic shear
band for metals. For example, a simple susceptibility
parameter has been derived by Wright for the occur-
rence of adiabatic shear banding of metals. It depends
on other materials properties as [113]

Fig. 10 Compressive uniaxial
loading-unloading-reloading
stress-strain curve of a
consolidated ultrafine grained
Fe (grain size 268 nm). The
optical micrographs of (a), (b)
and (c¢) correspond to the
post-2nd loading, post-3rd
loading and post-4th loading
states, respectively. The onset
and subsequent development
of shear bands are clearly
shown. Details can be found
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Fig. 11 Bright field TEM
micrograph showing the
microstructure within a shear
band and its vicinity in a
consolidated Fe specimen
after quasi-static compression
(a), and electron diffraction
pattern from the shear band
region (b) showing strong
texturing. The Fe grains
within the shear band are
severely elongated, forming a
sharp boundary with the
surrounding equi-axed grains
(the boundary is indicated by
the arrows)

XASB _ min{l,;}7 (39)
a/m (n/m)+ +/n/m

where yasp is the susceptibility to adiabatic shear
banding, a the non-dimensional thermal softening
parameter defined by a = (—da /dT)/p c (¢ is the flow
stress, T the temperature, p the density and c the
specific heat of the material); n is the strain hardening
exponent defined by the Hollomon equation (power
law hardening, or o = Ke ", where o is the flow stress
and K a constant) and m the SRS. For UFG/NC
metals, usually strain hardening is small due to the
poor capability of storing dislocations during plastic
straining. Thus, the stress-strain curves exhibit elastic-
nearly perfect plastic behavior, and n is approaching
zero. Therefore, Eq. (35) can be re-written as [113]

200 (36)

— a J—

LASB = mo pem’
where 1= —(1/60)(0c/0T) is the thermal softening
parameter evaluated under isothermal conditions (g is
a normalizing stress), and oy is the yield strength.
Equation (35) indicates that elevated yield strength
combined with much reduced SRS of UFG/NC metals
with BCC lattice structures should drive the metals
more prone to adiabatic shear banding. This has indeed
been verified in a number of BCC metals with UFG/
NC microstructure. For example, commercial purity Fe
with UFG microstructure was processed by ECAP for
four passes and then loaded under uniaxial dynamic
compression. Figure 12 displays the post-loading scan-
ning electron micrograph showing localized shearing,
indicating the occurrence of adiabatic shear banding
during dynamic loading. If the grain size is further
refined through SPD at a lower temperature, adiabatic
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shear banding is more pronounced (under dynamic
loading), as shown in Fig. 13. Here the plastic defor-
mation is concentrated into two sets of adiabatic shear
bands. Within the shear band, plastic flow of the
material is much more severe than the adjacent area.
This severe plastic flow is accompanied by considerable
temperature rise, a typical feature associated with
adiabatic shear banding [113].

Another important example is the adiabatic shear
banding in UFG/NC tungsten. Due to its high mass
density and high strength, W has been investigated in
the past few decades to replace depleted uranium for
kinetic energy (KE) penetrator material [114]. One of
the critical requirements for KE penetrator is the so-
called self-sharpening effect which enables the pene-
trator head to remain sharp during the course of target
penetration. The self-sharpening effect is rooted in the

Fig. 12 Scanning electron micrograph of post-dynamic loading
ECAP Fe showing localized shearing. Details can be found in
Ref. [33]
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Fig. 13 Scanning electron micrograph of ECAP and low
temperature rolled Fe after uniaxial dynamic compression
showing severely localized deformation. Formation of adiabatic
shear bands is obvious. Details can be found in Ref. [33]

material’s strong propensity for adiabatic shear band-
ing so that material is discarded away in a localized
fashion, forming a small channel of penetration.
Conventional coarse-grained W is strongly resistant
to adiabatic shear banding, mainly because of its
ceramic-like brittle fracture under mechanical loading
[32]. By SPD processing, the grain size of W can be
refined into UFG/NC regime. Interestingly, not only
can the strength level be considerably increased, but
the SRS is also reduced and the ductility is much
improved. The experimental details, results and expla-
nations can be found in Refs. [32, 34, 79]. As a result,
adiabatic shear bands have been observed for the first
time in commercial purity tungsten. Figure 14 shows
the optical micrograph of adiabatic shear bands from a
UFG W after uniaxial dynamic compression. As a
consequence of the severe adiabatic shearing, a crack is
formed within the shear band (Fig. 14 (b)). Also the
dynamic stress-strain curves of the UFG W specimens
show significant softening after certain plastic strain, a
result from adiabatic shear banding (Fig. 15) [32]. If
the grain size is further refined into the nanocrystalline
regime by high-pressure torsion, this behavior becomes
more noticeable (Fig. 16) [79]. First, the width of
adiabatic shear band becomes narrower than that of
the UFG W (=5 pm in NC W (Fig. 17 (b)) versus
~40 um in UFG W (Fig. 14 (b))). Secondly, the stress
drop in the stress-strain curves comes in earlier than
that of the UFG W (Fig. 15 vs. Fig. 16). Based on these
experimental observations of the constitutive behavior
of UFG/NC BCC metals, we believe that hope is
looming for the make of W penetrators with excellent
performance [115].

o
40 micron

Fig. 14 Adiabatic shear bands in UFG W (a) after uniaxial
dynamic compression. In (b), the microstructure of the adiabatic
shear band is revealed by polishing and etching. Also seen in (b)
is a crack as the result of adiabatic shearing

On the other hand, under dynamic loading, UFG/
NC metals with FCC lattice may exhibit different
behavior from their BCC counterparts according to
Eq. (35). A significantly enhanced SRS in FCC UFG/
NC metals may balance the elevated yield strength,
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Fig. 15 Uniaxial dynamic compressive stress-strain curves of
UFG W. Strain softening is obvious. Details can be found in
Refs. [32, 34]
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Fig. 16 Uniaxial dynamic stress-strain curves (compression) of
NC W. Details can be found is Ref. [79]

imparting inconsequential increase in yagg. This will
render dynamic behavior of UFG/NC metals not so
different from the coarse-grained counterparts.

In summary, different SRS behavior in the UFG/NC
regime for metals with different lattice structures
brings forth remarkably different constitutive re-
sponses under various loading conditions. Major influ-
ence of change in SRS with grain size reduction is on
the plastic instability and failure mode of the metals.
For FCC metals with UFG/NC microstructure, en-
hanced SRS will increase its resistance to necking
under tension and its resistance to adiabatic shear
banding under dynamic compression. For BCC metals
with UFG/NC microstructure, reduced SRS renders
the metals more prone to plastic instability. This
behavior happens to be a long-sought after property
for some critical applications.

Outstanding issues and future direction

While great progresses have been made in the past few
years to understand the strain rate effect and its

Fig. 17 Optical micrograph
of adiabatic shear band in
NC-W (a) and the scanning
electron micrograph of the
shear band (b). The crack is a
result of severely localized
shearing during dynamic
compression
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influence on the constitutive response in the UFG/NC
regime, there remain many issues that call for further
effort.

First, experimental data is lacking for HCP metals
with UFG/NC microstructure, some of which are
becoming increasingly important in today’s technology.
For example, two important ultra-light metals, Mg and
Be, have HCP structure. The work on another impor-
tant HCP metal, Ti, is also very limited. Systematic
work is needed to understand the strain rate effect in
those HCP metals with UFG/NC microstructures,
including experiments and theoretical or numerical
consideration.

Secondly, for BCC metals, the lower bound of the
UFG/NC regime has not been reached yet. The
absolute majority of data for BCC metals are on the
upper bound of the NC regime (grain size > 100 nm).
What will happen if the grain size of BCC metals is
driven below 50 nm is still an open issue. Whether
double-kink mechanism will be the operative and the
rate controlling mechanism needs to be clarified. When
the grain size is below 50 nm, grain boundary activities
may not be excluded from the contributing mecha-
nisms. If so, an increased SRS in NC BCC metals
should be anticipated. However, due to the difficulty in
producing fully dense NC BCC metals, alternatives
may be attempted such as the use of small samples,
nanoindentation on fully dense thin film specimens,
etc. Furthermore, theoretical work or numerical sim-
ulations will be needed for NC BCC metals (grain size
below 50 nm).

Thirdly, detailed and plausible theories and models
are needed for FCC metals to explain the wealth of
experimental results on strain rate effect in the UFG/
NC regime. For example, the role of stacking fault
energy has not been considered yet in existing models.
Even though microsized or nanosized twinning is
observed to enhance SRS of Cu, a convincing model
is still waiting to be proposed. The role of cross-slip, a
thermally activated process, has not yet been studied in
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terms of its effect on strain rate effect in the UFG/NC
regime.

Finally, the link between the Hall-Petch parameters
and the strain rate effect needs to be established on
firm grounds. It was believed that the same mecha-
nisms that affect the Hall-Petch parameters, particu-
larly the Hall-Petch coefficient, ky.p, may control the
strain rate effect as a function of grain size [37].

Concluding remarks

A critical review is provided with regard to the strain
rate effect in the ultrafine-grain and nanocrystalline
regimes, and its influence on some constitutive
responses of UFG/NC metals with different lattice
structures. Consistent experimental results indicate
that strain rate sensitivity of FCC metal has been
remarkably enhanced in the UFG/NC regime, while
that of BCC metals has been considerably reduced. No
convincing conclusion can be drawn for HCP metals
due to lack of reliable experimental data.

For FCC metals, a transition in the controlling
sampling length for dislocation mechanism may be
used to explain the observed experimental results. For
BCC metals, the reduced strain rate sensitivity in the
UFG/NC regime can be simply considered to be due to
the increasing part of the total stress due to the Hall-
Petch strengthening. Equations are derived for FCC
and BCC metals which can serve as at least qualita-
tively predicting the trend in either case.

The opposite changes of strain rate effect as a
function of grain size in FCC and BCC metals bring
forth remarkably different influence on the constitutive
responses on the two lattice structures in the UFG/NC
regime. For FCC metals, enhanced strain rate sensi-
tivity compensates for the reduced strain hardening
effect. This can be used as a strategy to improve tensile
ductility of UFG/NC metals. On the other hand,
reduced strain rate sensitivity of UFG/NC BCC metals
entails strong propensity for plastic instability under
mechanical load. This constitutive response happens to
be a long-sought-after property for a number of critical
applications. Outstanding issues that need further
effort are briefly discussed.
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